First principles calculations are used to study the preferential occupation of ternary alloying additions into the binary Ti-Al phases, namely γ-TiAl, α 2 -Ti 3 Al, β o -TiAl, and B19-TiAl. While the early transition metals (TMs, group IVB, VB , and VIB elements) prefer to substitute for Ti atoms in the γ-, α 2 -, and B19-phases, they preferentially occupy Al sites in the β o -TiAl. Si is in this context an anomaly, as it prefers to sit on the Al sublattice for all four phases. B and C are shown to prefer octahedral Ti-rich interstitial positions instead of substitutional incorporation.
I. INTRODUCTION
First principles methods have become an important part of the cutting edge materials research. One of a particularly important area is high throughput searches focused on scanning a large amount of systems, with the aim to further improve current or find novel materials 1 , predictions for other phases appearing in the equilibrium TiAl(+X) phase diagram and/or elements of interest (e.g., Si), which are a basis of novel alloying concepts, are still missing.
It should be mentioned that while the information on the sublattice occupation is crucial for knowledge-based materials development, the possible experimental approaches are limited to only a few techniques, e.g., atom probe tomography, and even when successfully applied they can hardly every cover a vast range of elements and phases as done in the present study.
Therefore, in this paper we employ first principles calculations to investigate site preference and alloying-induced changes in the phase stability for B, C, Si, V, Cr, Zr, Nb, Mo, Hf, Ta, and W for the γ-, α 2 -, β o -, as well as B19-phase. The selection of the elements reflects the typical alloying elements used in modern TiAl-based alloys 4,5 . All ternary additions are treated as substitutional defects in the first place, but B and C will be also discussed in the view of incorporation on interstitial sites. respectively. Structures were visualised using the VESTA3 software package 22 .
II. METHODS
The quantum mechanical calculations were performed in the framework of Density Functional Theory (DFT) 23, 24 as implemented in the Vienna Ab initio Simulation Package (VASP) 25, 26 . Projector augmented-wave pseudopotentials 27 together with the generalised gradient approximation (GGA) parametrised by Wang and Perdew 28 for the exchange and correlation (xc) effects were used to describe the interactions between electrons and ions on the quantum level. Some test calculations with the xc potential within the local density approximation (LDA) 23 were also performed. With plane-wave energy cut-off energy of 400 eV and more than 19 000 k-points×atoms, the total energy is converged to an accuracy of about 1 meV/at. All calculations were spin-nonpolarised.
The basic structural building blocks, i.e., a conventional cubic cell for the γ-TiAl phase, and unit cells for the other phases, are shown in Fig. 1 . The site preference and stability of solid solutions were evaluated using supercells containing 32 atoms, i.e., 2 × 2 × 2, 1 × 2 × 2, 4 × 2 × 2, and 2 × 2 × 1 supercells for the γ-, α 2 -, β o -, and B19-phases, respectively.
III. RESULTS

A. Site preference for stoichiometric phases
The site preference energy, E s , is defined as
where
are total energies of supercells of the phase ξ with one Ti and Al atom, respectively, replaced with one X atom, while E Al and E Ti are total energies of Al and Ti atom, respectively, in their stable crystal structure (Al:fcc and Ti:hcp). As explicitly derived by, e.g., Erschbaumer et al. 10 , and detailed in Sec. III C, E ξ s (X) expresses the difference in energy of formation of substitutional defects Ti → X (X occupies a Ti-site) and Al → X (X occupies an Al-site). E ξ s (X) < 0 suggests that Ti → X is an energetically preferred defect to Al → X, hence it is a indicator for a preferential occupation of the Ti sublattice sites (and hence yielding Al-rich compositions, a terminology used throughout this manuscript), and vice versa. of TiAl with B and C atoms placed in the (tetragonal or octahedral) interstitial positions is lower than for the substitutional defects (see Tab. I). In particular, Ti-rich octahedral configuration (i.e., an interstitial site bounded by an octahedron with vertices being 4 Ti and 2 Al atoms) gives lower energy of formation for both elements and all 4 phases than the Al-rich octahedral configuration (which does not even exist for the α 2 -phase) and the tetrahedral configuration. The latter is moreover unstable in the α 2 -, β o -and B19-phases, as the interstitial atom moves into the neighbouring Ti-rich octahedral position during the relaxation of atomic positions. Furthermore, Ti-pure octahedral site (6 Ti nearest neighbours) exists in the α 2 -phase, and is energetically preferred over the Ti-rich configuration (4 Ti + 2 Al). The strong preference for the Ti-rich tetrahedral interstitial position is in agreement with previous literature reports, e.g., see 31, 32 .
B. Effect of alloy composition
Compositions of application-related alloys deviate from the perfect stoichiometry, i.e.
from Ti 0.5 Al 0.5 . We have therefore used a similar approach as in Sec. III A to evaluate the impact of the Al content on the site preference for two technologically important elements, For example, the structural model for Al-rich composition was obtained by replacing one
Ti atom with one Al. In such a supercell, all possible replacements Al → X and Ti → X were considered. The corresponding energies were averaged and the resulting values were inserted to Eq. 1. Strictly speaking, only the lowest energy configuration should be taken into account at 0 K. With increasing temperature, probability of realising the higher energy states becomes exp(βE i )/Z, where E i is the energy of a state (configuration)
is the thermodynamic β, and Z = i exp(βE i ) is the partition sum. It follows, that the simple averaging as used here corresponds to the high-temperature limit. However, the error in the estimation of the site preference energy caused by this simplification is in the range of only a few meV already at T = 1 K and exponentially converges to the high-temperature limit, and therefore the below discussed trends are relevant for any practical implications.
The thus obtained compositional dependences are shown in Fig. 3 . Within the investigated range of ≈ ±3 at.% off-stoichiometry, the site preference remains the same as for the pure structures. While for the Al-rich compositions the preference for Ti-substitution in the γ-phase decreases, the same trend is observed for the β o -phase for Al-lean compositions and Al-substitution. This can be intuitively understood by the fact, that, e.g., Al-rich compositions imply fewer Ti-sites remain available for the substitution. In such case, Ti-substitution does mean further deterioration of the Ti sublattice, while Al-substitution happens statistically most often on the Al-sublattice which is still intact.
C. Alloying impact on alloy stability
Energy of formation, E f , is a measure of stability of a certain compound with respect to its building elements. In the following we evaluate the change of the energy of formation, ∆E f , when a third element is alloyed into the parent phase. If, for example, we consider
The energies of formation of TiAl+X and TiAl, respectively, in the above equation are given per atom, and are evaluated as
E X is the total energy (per atom) of the element X in its stable bulk phase, the rest of the quantities were defined in Sec. III A. Putting Eqs. 3 and 4 into Eq. 2 yields
The right-hand side of last equation expresses the formation energy for a point substitutional defect Ti → X. Consequently, the substitutional defect formation energy and the alloying- induced change of the alloy energy of formation are, up to a scaling factor (m + n), the same quantities. Analogous formula can be derived also for ∆E
hence difference between the alloying-induced changes in energies of formation for Al-rich
and Ti-rich compositions shows the same trend as the site preference energy.
The calculated ∆E f is shown in Fig. 4 where positive or negative values describe situations in which alloying yields destabilising or stabilising, respectively, of the individual TiAl phases. Substitution of 2p elements, B and C, leads to a strong destabilisation of all 4 phases for both, Ti-rich and Al-rich compositions. Si, on the other hand, stabilises the α 2 -, γ-, and B19-phases for the Ti-rich compositions. It is also the only element exhibiting chemical strengthening for the Al-rich situations, namely for the α 2 -phase. Hence Si is expected to be strongly inclined to be present in the α 2 -Ti 3 Al. This prediction has been confirmed by a recent experimental study 33 .
Regarding the TM elements, they cause chemical destabilisation of the α 2 -, γ-, and B19-phases for both Ti-rich (stronger) and Al-rich (weaker) compositions. Interestingly, their alloying impact is similar for all 4 phases (i.e., including the β o -TiAl) on the Al-rich side.
Finally, TM elements chemically stabilise the β o -TiAl for Ti-rich compositions, an effect discussed in detail for the TiAl+Mo alloy system in our recent publication 19 . This result also reflects the strong preference of TM elements to substitute for Al in the β o -phase (cf. Sec. III A and Fig. 2 ).
IV. DISCUSSION
A. Current results in the context of the existing literature 38 . We discuss this scenario more in detail in Sec. IV D.
In case of the α 2 -phase, the Ti concentrations presented in literature range from 56 to 59 at.%, while the Al compositional range is very broad between 32 and 40 at.% [35] [36] [37] .
The reduced Ti concentrations in comparison to the ideal stoichiometry of Ti 3 Al suggest that the refractory metals again occupy the Ti sublattice, in agreement to our calculations.
Apparently, in multi-component alloys the stability range of this phase may be altered in a way that a significant amount of Al is accommodated on Ti sites, which, however, goes beyond the present study.
The β o -phase is characterized by a Ti concentration between 53 and 56 at.% and an Al concentration between 33 and 36 at.%. As most of the refractory metals are β-stabilizing elements, large amounts of these elements are typically observed in this phase 30, 39 . In agreement with our predictions, these elements are averred to occupy the Al sublattice, thereby replacing Al and resulting in the reduced Al content of this phase. Unfortunately, there is no experimental data available regarding the chemical composition of the B19-phase, however, the previous discussion underpins the applicability of ab initio calculations for the prediction of the site occupation of ordered structures.
Based on the above discussion we suggest that the present predictions are sufficiently backed up by the existing theoretical as well as experimental data, and therefore bring novel (for β o -and B19-phases as well as for some elements, e.g., Si) and coherent information.
B. Chemical and elastic contributions
When a foreign atom is substituted into the crystal, it causes two perturbations. One concerns its different chemistry, and hence different electronic and bonding environment as compared with the parent phase. The second disruption is related to the different size of the atom, and the thus induced local displacements of the neighbouring atoms. In the following, the former effect is termed chemical weakening/strengthening (∆E chem ) while the latter contribution are elastic relaxations (∆E elast ).
A practical decomposition of ∆E f = ∆E chem − ∆E elast is done as follows 2 : ∆E chem is the difference between E f of the perfect structure and the structure with one substituted atom (Al in Fig. 5 ). The atom positions in the TiAl+X system are kept fixed to those of the perfect system so to account only for the changed chemistry. In the second step, the atomic positions are allowed to relax, i.e., to lower the total energy of the system, while the chemistry remains unchanged. here for the Ti-rich compositions (Al → X). It can be concluded that the major contribution to ∆E f (Fig. 4a) originates from the chemical changes induced by alloying, as (i) Fig. 5a largely resembles the trends in Fig. 4a , and (ii) |∆E chem | (Fig. 5a ) is in most cases by factor 5 and more larger than ∆E elast (Fig. 5b) . Importantly, the amount of the elastic energy is very similar for all phases, unlike ∆E chem , hence suggesting that ∆E elast is predominantly determined by the size of the foreign atom rather than the parent phase (its structure and bonding).
It is also worth noting the predicted contributions for the β o -TiAl. Interestingly, the chemical contribution ∆E chem is practically zero for the Ti-isovalent elements Zr and Hf, which, on the other hand, possess one of the largest values of ∆E elast for the β o among the TM elements. Opposite situation is predicted for 4d and 5d group VB and IVB elements (Nb, Mo, Ta, and W) where the chemical strengthening term is dominant while the elastic relaxations are negligible. It can be therefore concluded, that while all TM elements investigated here yielded increased stability for the Ti-rich β o -TiAl phase (Fig. 4a) , the dominant reason for this strengthening is different for the group IVB elements on the one hand (different atomic sizes), and the group VB and IVB elements on the other hand (different valency).
The by far largest values for both contributions were obtained for B and C. This is related to their small sizes (E elast ) and hence their preferential occupation of the interstitial instead of substitutional positions (see Sec. III A and Tab. I).
Lastly, we note that in the case of Al-rich compositions (Fig. 4b ) the general trends (e.g., |∆E elast | ≪ ∆E chem ) remain similar to those discussed above.
C. Alloying-induced changes in electronic structure of TiAl+Mo
In order to further underline the critical role of alloying elements on the local electronic and bonding structure, we have chosen the β-phase stabilising element Mo for a closer analysis. It shows a strong site preference for the occupation of Al sites in the β o -phase, while it only slightly favours the Ti sublattice in the γ-phase (Fig. 2) .
Local density of electronic states (LDOS) on the Mo site is shown in Fig. 6 for the Ti-rich and Al-rich compositions for β o - (Fig. 6a ) and γ-TiAl (Fig. 6b) together with the Ti−d and Al−d partial projected density of electronic states (PDOS) of the corresponding parent phases. The large peak at the Fermi level (E F ) for the Al-rich β o -phase suggests its lower stability in comparison with the small LDOS at E F in the case of the Ti-rich compositions 40 . This is the underlying origin for the preferential substitution Al → Mo in the β o -phase, as the phase stability is directly linked with the alloying-induced changes of E f (Fig. 4) which determine the site preference energy, E s . Similarly, the LDOS for the γ-phase (Fig. 6b) shows no significant differences at E F , hence similar stabilities of both Ti n−1 XAl n and Ti n XAl n−1 , as also the corresponding E s suggests only a slight preference for the Ti substitution (cf. Fig. 2 ).
D. Anti-site defects
The Ti-rich composition, for instance, may be obtained also by a combination of a substitution Ti → X and formation of an anti-site defect Al → Ti. To assess the energetics of this complex scheme with respect to a simple substitution Al → X (yielding the same Ti-rich composition), we have considered an anti-site defect in the nearest neighbour distance from the substitutional defect in the β o -and γ-phases. The results in term of the induced change of the energy of formation are shown in Fig. 7 . sublattice for either β o -or γ-TiAl. Inspecting the early TM element, however, it is noticeable that while the group VIB elements (Cr, Mo, W) prefer the simple substitution Al → X in the γ-phase, the group VB elements (V, Nb, Ta) exhibit smaller preference or are ambivalent, and finally the group IVB elements (Zr, Hf) prefer the Ti → X and Al → Ti double defect. A similar result is predicted also for the β o -phase with an overall somewhat stronger preference to the simple substitution. Interestingly, the Ti → X and Al → Ti mechanism is strongly preferred for C and Si in the β o -phase. We note, however, that C, which is known as a strong α 2 -phase stabiliser, has almost no solubility on the β-phase 33 .
On the contrary, a very different behaviour is predicted for the Al-rich compositions.
While in the γ-phase, a simple substitution Ti → X is the energetically preferred mechanism for all early TM over the double defect (Al → X combined with the Ti→Al anti-site), and there is no preference for B, C and Si, the β o -phase is contrarily suggested to adopt the double defect mechanism. Even more importantly, ∆E ξ f (X) Ti−rich for a simple substitution (single-site defect) for the Ti-rich compositions is less negative than ∆E ξ f (X) Al−rich for the double-site defect for the Al-rich compositions. Nevertheless, the site occupation for ternary alloying elements X remains unchanged, as the Al-rich double-site defect incorporates X on the Al sublattice, in agreement with the conclusions based on Fig. 2 . A more detailed discussion including, e.g., dependence of the distance between the substitutional and antisite defect, or off-stoichiometry effects, however, goes beyond the present study.
Finally, let us note that substitution employing anti-sites was also discussed by Jiang Nb), and (ii) the anti-site occupation is energetically strongly unfavourable compared with the direct substitution in the case of Ta, Zr, and Nb (yielding almost zero ∆E f ), while the energy difference between the anti-site and the direct implementation is the smallest for Mo (cf. Fig. 7b ). Therefore, generation of anti-sites at elevated temperatures proceeds easiest in the Mo case.
V. CONCLUSIONS
Ab initio quantum-mechanical calculations were used to predict which sublattice is preferentially occupied by ternary additions to the ordered binary TiAl phases, i.e., γ, α 2 , β o , and B19. While the Al substitution is strongly favoured for the β o -phase (B2 structure), early transition metal elements (V, Cr, Zr, Nb, Mo, Hf, Ta, and W) will occupy Ti sites in the γ-(L1 0 ) and α 2 -phases (D0 19 ). Early TM elements prefer Ti sublattice also in the B19-TiAl, however, with increasing valence electron concentration the Al substitution becomes energetically favourable. B and Si exhibit preference for the Al sublattice for all four phases.
Substitutional C prefers Ti-sites in the α 2 , γ, and B19 phases, and would prefer Al site in the β o -TiAl. However, we note that it has almost no solubility in latter phase. Nevertheless, interstitial incorporation of B and C into Ti-rich octahedral positions yields lower energy of formation than the above mentioned substitutional positions.
The trends in the preferred sublattice occupation have been correlated with the alloyinginduced changes of the energy of formation, ∆E f , i.e. the stability of the solid solution. Here, apart from Si in all phases, and all TM elements in β o -TiAl, all other alloying elements in all phases result in their destabilisation. Further analysis revealed that the chemical part (change in the electronic structure) of ∆E f is dominant over the elastic strains related to the different atomic size than the parent species. These changes have been also linked qualitatively to the changes in the electronic structure, namely the density of electronic states at the Fermi level.
Finally, we have provided an evidence that an incorporation of the ternary element on one sublattice, combined with an anti-site defect, is in some cases (e.g., Al-rich compositions of the β o -TiAl) preferred over a direct substitution on the other sublattice.
